Diffusion of B in amorphous Si is known to be four orders of magnitude higher than in crystalline Si. The effect of Ge at low concentrations on B diffusion in the amorphous phase is unknown. 1.5 m thick relaxed layers of varying SiGe alloys ͑0, 6, 12, and 100 at. % Ge͒ were grown on Si. After growth the layer was amorphized to a depth of 0.8 m using a 500 keV, 5 ϫ 10 15 ion/ cm 2 Si + implant at 77 K. Next a 500 eV, 1 ϫ 10 15 ions/ cm 2 B + implant was introduced. The amorphous SiGe was recrystallized at temperatures between 300 and 600°C and the B diffusion during solid phase epitaxial regrowth was studied using dynamic secondary ion mass spectrometry. Comparison of B diffusivities for amorphous Si and amorphous Si 0.88 Ge 0.12 revealed similar activation energies ͑2.7 and 2.8 eV, respectively͒ and preexponential factors ͑0.8 and 4.8 cm 2 / s, respectively͒. The negligible change in B diffusion in amorphous SiGe at low Ge concentrations is similar to reports on B diffusivity for strain-relaxed crystalline SiGe alloys with Ge content. These results suggest that Ge is not an effective trap for B in the amorphous phase.
I. INTRODUCTION
In order to extend the validity of Moore's law, the ITRS has outlined future technology nodes and device parameters. Under this road map, there exists a push to explore alternatives for Si components within ultrashallow junction ͑USJ͒ technology. Current ITRS guidelines call for strained SiGe within source and drain contacts.
1 While some current 90 nm technologies use 17 at. % Ge for strained SiGe source drains, future technology nodes will feature increased Ge contents. B is the most common dopant used for the formation of p-type regions because of its high solubility and low ionization energy. The formation of USJs with high levels of B activation is currently limited by the interactions between implanted dopants and point defects generated during processing. During thermal processing, the supersaturation of interstitials results in transient enhanced diffusion in the profile "tail" and the formation of an electrically inactive profile peak due to boron-interstitial clusters. Preamorphization prior to the B implant has several advantages for the fabrication of USJs including suppression of ion channeling and increased activation of B during low-temperature anneals.
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In certain situations, the majority of B diffusion can occur during solid phase epitaxial regrowth ͑SPER͒.
B diffusivity in a-Si is on average four orders of magnitude higher than the corresponding diffusivity in crystalline ͑c-͒ Si using extrapolated identical conditions. 3 In addition, the activation energy for B diffusion in c-Si ͑3.6-3.75 eV͒ is approximately 25% greater than that of B in a-Si ͑2.7 eV͒. This can be directly attributed to the random, open microstructure of a-Si. 3 With the increased use of Ge to induce strain, the role of Ge alloying on B diffusion bears greater significance. This article reports on the effect of Ge content on the B diffusivity in a-SiGe alloys during SPER.
II. EXPERIMENTAL DETAILS
Strain-relaxed SiGe layers of 6, 8, and 12 at. % Ge were grown on ͑001͒ Si substrates using a graded SiGe buffer layer. The Si and Ge controls used were ͑001͒ oriented bulk wafers. Samples were preamorphized, from the surface to a depth of approximately 850 nm, by implanted Si + ions ͑5 ϫ 10 15 ions/ cm 2 at 500 keV, plus 1 ϫ 10 15 ions/ cm 2 at 95 keV͒ at 77 K. The samples then received a B + implant of 1 ϫ 10 15 ions/ cm 2 at 500 eV. All of the samples were regrown by solid phase epitaxy. Postimplant anneals were conducted in a quartz tube furnace under N 2 ambient. Isothermal anneals were determined based on extrapolated SPER velocities. 4 Anneal times were calculated as a series of time intervals in which the a / c interface advances toward the surface but does not reach the B implant. The a-SiGe alloys a͒ Electronic mail: ledelman@ufl.edu were exposed to the same anneal conditions as the a-Si control, while the a-Ge control was annealed at temperature which compensated for the difference in SPER rates. Crosssectional transmission electron microscopy ͑XTEM͒ confirmed SPER and measured remaining a-layer depths. Secondary ion mass spectroscopy ͑SIMS͒ profiles were collected using an O 2 + beam with a net impact energy of 600 eV and a beam current of 180 nA. In order to calculate B diffusivity, the diffusion length was measured at a B concentration of 3 ϫ 10 19 cm −3 and is equated to 2 ͱ͑D B t͒. The activation energy and preexponential factor were derived from an Arrhenius expression of the diffusivity as a function of temperature.
III. EXPERIMENTAL RESULTS AND DISCUSSION
XTEM images before and after SPER at 600°C for a-Si and a-SiGe ͑12 at. % Ge͒ are shown in Fig. 1 . By comparing these images it can be seen that the addition of Ge to the Si matrix increases the rate of SPER significantly. It is also observed that for all anneals, the a / c interface remained behind the B profile such that B diffusion was not directly affected by the a / c interface.
After confirming the presence of a reduced a-layer following SPER, B diffusion in a-materials can be examined. By directly comparing B diffusion in a-Si and a-Ge, the boundaries for SPER and B diffusivity can be established. A dramatic difference in B profile shape ͓Figs. 2͑a͒ and 2͑b͔͒ for B motion is revealed for SPER at 500°C. While the solubility limit of B is exceeded in both Si and Ge, only the B profile in a-Si exhibits a shoulder at 1 ϫ 10 20 cm −3 . Additionally, Fig. 3 shows that at 500°C, B diffusivity in a-Ge is at least one order of magnitude greater than that in a-Si despite the relative lack of motion in the dopant profile dur- ing SPER for a-Ge. Although the activation energy for B diffusion in a-Ge ͑3.4 eV͒ is 25% greater than that in a-Si ͑2.7 eV͒ it is offset by the preexponential factor ͑1 ϫ 10 8 and 0.8 cm 2 / s, respectively͒. This compensation is great enough to generate large B diffusivities when the SPER temperature is constant for a-Ge and a-Si and insignificant B diffusivities when the SPER velocity is proportionate between a-Ge and a-Si. It can be concluded that the increase in SPER rate in a-Ge causes the B profile to remain relatively immobile while simultaneously producing larger diffusivity values.
Since a-Si and a-Ge give the boundaries for B diffusivity and B activation energy, then the a-SiGe alloys should scale proportionately. Figure 4 shows the B profiles in a-Si, a-SiGe ͑12 at. % Ge͒, and a-Ge at different SPER temperatures. The SIMS profiles of B in a-Si and a-SiGe ͑12 at. % Ge͒ show no distinct changes in B motion at any of the anneal temperatures. For a-SiGe ͑12 at. % Ge͒, the activation energy for B diffusion ͑2.8 eV͒ and preexponential factor ͑4.8 cm 2 / s͒ are also similar to that calculated for a-Si. B diffusivity is seen to be nearly identical in a-Si and a-SiGe ͑12 at. % Ge͒.
In order to confirm equilibrium diffusion behavior, the a-Si and a-SiGe ͑12 at. % Ge͒ samples were annealed at 500°C at four different times during the SPER process. Figures 5͑a͒ and 5͑b͒ further illustrate the equilibrium diffusion behavior present in the amorphous material. B diffusion in both a-Si and a-SiGe ͑12 at. % Ge͒ increases with time as expected, and once again no difference between the two alloys is visible. Figure 6 shows a constant B diffusivity at 500°C with no clear trend for either the increase in SPER or Ge content.
While Ge incorporation affects the rate of SPER, it fails to influence B diffusivity at low concentrations. This agrees with work by Zangenberg et al., which saw no change in B diffusivity upon Ge incorporation at low concentrations in strain-relaxed c-SiGe annealed at temperatures between 800 and 950°C. 5 B diffusivity in strain-relaxed c-SiGe alloys has been extensively studied. [5] [6] [7] The activation energy for B diffusion in c-Si ͑3.6-3.75 eV͒ 8 is 30% smaller than that in c-Ge ͑4.65 eV͒. 9 In addition, strain-relaxed c-SiGe ͑12 at. % Ge͒ exhibits a subtle increase in activation energy for B diffusion. 5 Given the reported activation energies for B diffusion and preexponential factors, extrapolating the B diffusivity to low temperatures-into the SPER range-results in a significantly decreased B diffusivity in strain-relaxed c-SiGe ͑12 at. % Ge͒ with respect to that expected for strainrelaxed c-Si. This is a direct result of the increase in activation energy for B diffusion upon Ge incorporation. Figure 7 shows the extrapolated diffusivities in strain-relaxed c-Si and c-SiGe ͑12 at. % Ge͒ as well as those for a-Si and a-SiGe ͑12 at. % Ge͒.
At low Ge concentrations, there exists no effect of Ge content on B diffusion behavior in the amorphous phase. Assuming solid solution bonding in the amorphous phase is similar to that in the crystalline phase, the interaction between Ge and B is not strong enough to affect the diffusivity of B. This is consistent with observations made by Zangenberg et al. 5 Ge is therefore not an effective trap for B in the amorphous phase.
IV. CONCLUSIONS
An increase in SPER velocity was observed upon Ge incorporation, but did not affect the experimental parameters to avoid interaction between the B profile and the a / c interface. The results reported in this work thus focus only on B diffusion in the amorphous phase. The observed B diffusivity in a-Ge is at least one order of magnitude greater than that in a-Si at 500°C, but B diffusivities in a-SiGe alloys are equivalent to those observed in a-Si up to concentrations of 12 at. % Ge. Therefore no strong interaction exists between Ge and B at low Ge concentrations.
